A synchrotron X-ray diffraction study of non-proportional strain-path effects by Collins, D. M. et al.
                          Collins, D. M., Erinosho, T., Dunne, F. P. E., Todd, R. I., Connolley, T.,
Mostafavi, M., ... Wilkinson, A. J. (2017). A synchrotron X-ray diffraction
study of non-proportional strain-path effects. Acta Materialia, 124, 290-304.
DOI: 10.1016/j.actamat.2016.11.011
Publisher's PDF, also known as Version of record
License (if available):
CC BY
Link to published version (if available):
10.1016/j.actamat.2016.11.011
Link to publication record in Explore Bristol Research
PDF-document
This is the final published version of the article (version of record). It first appeared online via Elsevier at
http://dx.doi.org/10.1016/j.actamat.2016.11.011. Please refer to any applicable terms of use of the publisher.
University of Bristol - Explore Bristol Research
General rights
This document is made available in accordance with publisher policies. Please cite only the published
version using the reference above. Full terms of use are available:
http://www.bristol.ac.uk/pure/about/ebr-terms.html
Full length article
A synchrotron X-ray diffraction study of non-proportional strain-path
effects
D.M. Collins a, *, T. Erinosho b, F.P.E. Dunne c, R.I. Todd a, T. Connolley d, M. Mostafavi b,
H. Kupfer e, A.J. Wilkinson a, 1
a Department of Materials, University of Oxford, Parks Road, Oxford, OX1 3PH, UK
b Department of Mechanical Engineering, University of Bristol, Queen's Building, University Walk, Bristol, BS8 1TR, UK
c Department of Materials, Imperial College London, Exhibition Road, London, SW7 2AZ, UK
d Diamond Light Source Ltd, Harwell Science & Innovation Campus, Didcot, OX11 0DE, UK
e BMW Group, Technology Metal Dingolﬁng, Landshuter Straße 56, 84130, Dingolﬁng, Germany
a r t i c l e i n f o
Article history:
Received 7 May 2016
Received in revised form
31 October 2016
Accepted 5 November 2016
Available online 14 November 2016
Keywords:
Synchrotron radiation
X-ray diffraction (XRD)
Lattice strain
Texture
Crystal plasticity
a b s t r a c t
Common alloys used in sheet form can display a signiﬁcant ductility beneﬁt when they are subjected to
certain multiaxial strain paths. This effect has been studied here for a polycrystalline ferritic steel using a
combination of Nakajima bulge testing, X-ray diffraction during biaxial testing of cruciform samples and
crystal plasticity ﬁnite element (CPFE) modelling. Greatest gains in strain to failure were found when
subjecting sheets to uniaxial loading followed by balanced biaxial deformation, resulting in a total
deformation close to plane-strain. A combined strain of approximately double that of proportional
loading was achieved. The evolution of macrostrain, microstrain and texture during non-proportional
loading were evaluated by in-situ high energy synchrotron diffraction. The results have demonstrated
that the inhomogeneous strain accumulation from non-proportional deformation is strongly dependent
on texture and the applied strain-ratio of the ﬁrst deformation pass. Experimental diffraction evidence is
supported by results produced by a novel method of CPFE-derived diffraction simulation. Using
constitutive laws selected on the basis of good agreement with measured lattice strain development, the
CPFE model demonstrated the capability to replicate ductility gains measured experimentally.
© 2016 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY
license (http://creativecommons.org/licenses/by/4.0/).
1. Introduction
A number of metallic alloy systems have been reported to
exhibit a signiﬁcant ductility beneﬁt when they are subjected to a
non-proportional strain-path [1e4]. Such deformation routes
typically involve a ﬁrst loading path up to a ﬁxed plastic strain
followed by further deformation at a different strain ratio. Whilst
this effect has been known for some time, experimental studies to
date have failed to identify why a metallic material may display
such behaviour and capture the behaviour in a microstructural
model. Exploiting this beneﬁt, particularly in sheet fabrication
processes, may offer signiﬁcant processing advantages e allowing
more complex shapes and structures to be achieved than would
otherwise be possible using proportional strain-paths.
To ascertain the ductility of a sheet-formed material, a forming
limit diagram may be constructed to determine the range of in-
plane principal strains that can be withstood by a sheet of metal
without the presence of localised thinning and failure [5]. Data are
typically obtained from bulge testing, where Nakajima testing [6] is
perhaps themost common. Critically, the strain-ratio of the test can
be varied by modiﬁcation of the specimen geometry; enabling a
wide range of strain states to be tested that replicate the possible
conditions a component will be subjected to during sheet fabrica-
tion. Understanding the formability of a material is particularly
important in the automotive industry, where the fabrication of high
strength steels at room temperature remains essential to the
manufacture of many components. The material will be subjected
to various strain-ratios that vary with location within the sheet; in
some areas reaching high plastic strains up to 20e30%. These
loading conditions of a cold forming process in steels can give rise
to necking and thereby localised thinning, leading eventually to
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ductile failure [7], which is unacceptable in component manufac-
ture. Therefore, understanding the precise strain-ratio dependent
ductility limit is critical. If manufacturers are to adopt non-linear
strain-paths to increase the obtainable ductility, it is critical that
the underlying micromechanical material response is well under-
stood to reliably predict the new forming limits.
Various studies have been performed on different strain-paths;
each identifying a unique, strain-path dependent, macroscopic
response. The non-proportional deformation of brass and intersti-
tial free steel, when given a plane-strain pre-strain followed by
uniaxial tension, has shown different rates of work hardening
inﬂuenced by the pre-strain compared to simple uniaxial loading
without a pre-strain [8]. Other strain-paths including pre-shear
followed by further shear deformation on another plane [9,10]
and tension-shear sequences [11] have also been investigated.
The latter suggested the accumulation of deformation in the second
deformation step was dependent on the activation of slip systems
with the highest Schmid factor that were previously latent during
the pre-strain [11]. Strain-path dependent hardening behaviour has
been shown to directly inﬂuence the evolution of dislocation
structures [12]. The nature of hardening itself was modelled by
Erinosho et al. [13,14], demonstrating that self and isotropic latent
rules of hardening inﬂuence the density of dislocations produced in
different texture components. Furthermore, the study showed that
the degree of non-proportionality affects strain localisation, ulti-
mately limiting ductility. The abruptness of a strain-path change
has also been shown to have a dramatic effect on the macroscopic
stress response [15].
Non-proportional deformation including multiaxial stress-
states have been studied by a number of investigators using
diffraction-basedmethods. Repper et al. [16] performed the ﬁrst in-
situ neutron diffraction on cruciform specimens. Both proportional
and non-proportional strain-paths have been investigated by Van
Petegem et al. [17] using in-situ neutron diffraction. Measurements
showed that the accumulated intergranular strains are strongly
dependent on the applied stress state. The study also found that
subjecting the material to a 90 change in strain-path produced
transient softening from measurement of internal strain recovery
and micro yielding. Transient softening was also observed by
Gonzalez et al. [18] when subjecting an austenitic stainless steel to
a 90 strain-path change. X-ray diffraction has also been used to
study the evolution of deformation under multi-axial loading
[19,20]. Stress-strain [21] curves and the evolution of yield loci [22]
under multiaxial stress states have been obtained from the “sin2j”
method from X-ray diffraction experiments. Such methods can also
be used to measure multi-axial strain ﬁelds from Marciniak punch
tests [23]. Furthermore, X-ray diffraction methods have enabled
assessment of dislocation structure evolution during non-
proportional deformation, including observations from peak
broadening [17] and dislocation cell structures size measurement
from three-dimensional reciprocal space mapping [24]. Modelling
studies including a ﬁnite-element and fast Fourier transform
method [25] and a crystal-plasticity ﬁnite element method [26]
have demonstrated that calculated lattice strains from such simu-
lations can replicate experimental measurements of lattice strains
with good agreement.
In a previous study of proportional biaxial deformation using
high-energy synchrotron X-ray diffraction, a technique was devel-
oped that allows the micromechanics of a material to be studied in-
situ, whilst subjecting sheets to strain-paths with a ﬁxed strain
ratio [20]. This revealed that the angular distribution of lattice-
strain magnitudes that accumulates during testing is highly sensi-
tive to the given strain-path. This testing method additionally
permits the evolution of texture to be assessed. In the current study,
the previous testing methodology is replicated to investigate the
effect of non-proportional strain-paths in a low-carbon ferritic
steel, denoted as DX54. Firstly, the effect of non-proportionality is
described for this material from a matrix of Nakajima tests. These
results are used to select a subset of experimental strain-paths to be
studied in further detail, using in-situ X-ray diffraction. The hard-
ening and texture evolution is then directly compared to simula-
tions made using crystal-plasticity ﬁnite element modelling.
Finally, themodel that best replicates the X-ray diffraction response
is used to predict the ductility of selected Nakajima strain-paths,
and hence the ductility gain that is displayed by certain non-
proportional deformation paths.
2. Experimental method
A single phase ferritic steel with a nominal chemical composi-
tion shown in Table 1, denoted as DX54 [27], has been examined in
this study. Prior EBSD measurements showed the material exhibits
a mean grain size of ~20 mm with an approximately equiaxed
morphology [20]. The material had been previously cold rolled to a
thickness of ~1 mm and galvanised. The rolling direction, RD, is
used as the reference orientation hereon for all subsequent defor-
mation performed.
Non-proportional strain-paths were given to steel specimens by
ﬁrst subjecting thematerial to either a uniaxial or biaxial pre-strain.
Photographs of the specimen geometry and example digital image
correlation (DIC) maps that measure the in-plane macroscopic
strains are shown in Fig. 1. The biaxial pre-strain was achieved by
deforming the material with a ﬂat punch to achieve a region of
uniform plastic strain sufﬁciently large to cut Nakajima test speci-
mens for subsequent deformation. Similarly, uniaxial pre-strains
were achieved by loading a sheet along a single axis, constraining
the sheet with clamps in one direction, and unconstrained
perpendicular.
Nakajima bulge testing was conducted on the pre-strained
material to measure the failure strain from a number of non-
proportional strain-paths. A hemispherical punch was driven into
the plane normal of sheet blanks at a constant rate of 40 mmmin-1
(strain-rate ~1  102 s1), deforming an area constrained by a
ﬁxed circular hoop with an inner diameter of 150 mm. These tests
were performed on sheets that had been subjected to either a
deformation under a uniaxial pre-strain or a balanced biaxial pre-
strain up to a predetermined plastic strain. Images of a speckle
pattern deposited onto the sample surface were acquired at a frame
rate of 1/3 Hz throughout the deformation. Post-processing of these
images using digital image correlation (DIC) provides the in-plane
major, ε1, and minor, ε2, true strains.
A high energy X-ray diffraction experiment was next performed
on the I12 beamline at the Diamond Light Source [29]. Diffraction
patterns were collected at a frame rate of 0.25 Hz whilst deforming
cruciform samples, enabling the dynamic micrcomechanical
response to be analysed. The deformation was controlled by a
purpose built biaxial loading mechanism that has the freedom to
test sheet metallic material to high plastic strains along a wide
range of biaxial strain ratios; analogous to strain-paths achievable
in real fabrication processes. Further details of the biaxial loading
mechanism and cruciform specimen design are described in
Ref. [20]. Of note, is a locally thin disc-shaped region at the centre of
the specimen, symmetric through the thickness, where the X-ray
Table 1
Composition of the ferritic steel, DX54 [28].
Element Fe C P S Mn
wt.% balance 0.06 0.025 0.025 0.35
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beam penetrates. This region had dimensions of approximately
400 mm thick (sample to sample variation was
approximately ± 50 mm) and a diameter of 6 ± 0.1 mm. The biaxial
mechanism was ﬁtted to a Shimadzu AGS-X 10 kN load frame to
actuate the deformation mechanism, and was subsequently placed
onto a sample stage at the I12 beamline.
Three dissimilar strain-paths were selected for investigation
during the available beam time. These are shown schematically in
Fig. 2. Samples were deformed under displacement control at a rate
of 0.04 mm s-1. The strain rate in the gauge volume was dependent
on the distribution of plastic strain across the whole sample,
changing for different strain-ratios. However, this was approxi-
mately in the range 1  105 s1 to 5  105 s1. Strain-Path 1
comprises a uniaxial loading step with its tensile axis parallel to the
transverse direction (TD), followed by a second uniaxial loading
step with the tensile axis parallel to the rolling direction (RD). For
uniaxial strain-paths, the samples were gripped in the vertical,
loading direction and left ungripped and unconstrained perpen-
dicular to the load axis. The samples were allowed to contract
perpendicular to the tensile axis due to Poisson's effect. Strain-Path
2 investigates balanced biaxial deformation followed by uniaxial
loading (tensile axis parallel to TD) with a target that the ﬁnal
deformation state will approximate plane strain parallel to TD.
Strain-Path 3 investigates a uniaxial deformation pre-strain fol-
lowed by balanced biaxial deformation to give a ﬁnal macroscopic
strain state similar to Strain-Path 2.
On the I12 beamline, the samples were positioned ~1125 mm
from a Thales Pixium RF4343 2D area detector with a pixel size of
148 mm  148 mm on a 2880  2881 X-ray sensitive array,
permitting the acquisition of Debye-Scherrer diffraction rings in
transmission. An illustration of this experimental setup is shown in
Fig. 3. The monochromatic X-ray beam used was calibrated using a
method described by Hart et al. [30] to have an energy of 90.36 keV
(l ¼ 0.1372 Å) with a CeO2 standard and had an incident beam size
of 0.5 mm  0.5 mm.
The collected diffraction patterns were radially integrated into
36 sectors of equal spacing using the software FIT2D [31]. Sector
one corresponds to an azimuthal angle of j ¼ 0±5 with sector
10 at j¼ 90±5. These sectors correspond to either εRD& εTD or εTD
& εRD, depending on the sample orientation relative to the detector.
Labels are provided in the results to state the orientation of the
sheet. Full diffraction rings up toN¼ 10 (where N¼ h2þk2þl2) were
collected. Data analysis ﬁtting routines were performed using
MATLAB, with each of these reﬂections ﬁtted with a pseudo-Voigt
ﬁtting function. For each ﬁtted reﬂection, the lattice strain and in-
tegrated reﬂection intensity were monitored. Lattice strains were
calculated using Equation (1),
εhkl ¼
d d0
d0
(1)
where εhkl is the lattice strain for the reﬂection hkl, d0 is the relaxed
reference d-spacing, and d is the measured d-spacing.
Measurements of the macroscopic strain during the
Fig. 1. Photographs of pre-strained material geometries with example macroscopic
strain maps shown below, measured from DIC, with approximate location of Nakajima
test specimens cut for subsequent deformation.
Fig. 2. Schematic illustration of the target non-proportional strain-paths examined
experimentally.
Fig. 3. Experimental setup at the I12 beamline, Diamond Light Source, illustrating the
diffraction data acquired from the deforming cruciform specimen. Image adopted from
Ref. [26].
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deformation were obtained from radiographic images. The radio-
graphs captured a 10 mm  10 mm selected area near the centre of
the specimen. The central thinned region of the specimen had a
lower X-ray attenuation compared to the surrounding thicker
specimen, and was clearly visible with differing contrast when
observed in 461  461 pixel 8 bit radiographs obtained with an
imaging camera (Fig. 3, top-right). The images were acquired at
~5 mm stroke displacement intervals throughout the deformation
to monitor the change in macroscopic strain. Post-processing of
these images using an afﬁne transformation and DIC methods were
used to measure strain compared to a reference image obtained
prior to any applied load. Details of the DIC algorithm used are
described in Ref. [32] and experimental method in Ref. [20].
3. Crystal plasticity modelling
3.1. Model outline
To aid the understanding of the experimental non-proportional
deformation behaviour, crystal plasticity ﬁnite element (CPFE)
simulations were performed on strain-paths similar to those
measured. These strain-paths of interest are shown schematically
in Fig. 4. Each path has two increments comprising either nomi-
nally uniaxial loading and/or biaxial deformation. For nominally
uniaxial loading, a true strain increase of 0.1 is prescribed parallel to
either RD or TD (with the orthogonal axis unconstrained) and for
biaxial deformation, a true strain increase of 0.1 is given in both RD
and TD. Strain-Paths 1,2& 3 (experiment) can be compared to paths
A, B& C, respectively. To study the inﬂuence of the major strain axis
with respect to the sheet orientation, simulations for these strain-
paths were repeated with the uniaxial components in the orthog-
onal direction. Thus, path D follows uniaxial (εRD) þ (εTD) defor-
mation, and is compared to path A; uniaxial (εTD) þ (εRD). In a
similar manner, paths E and F can be compared to paths B and C,
respectively.
Crystal plasticity ﬁnite element (CPFE) modelling has been used
to predict the nature of the deformation response at the grain scale
during non-proportional loading. A brief description of the classical
crystal plasticity framework that is used in this study is given
below. It is based upon a kinematic decomposition of the defor-
mation gradient, F, into elastic F* and plastic Fp tensors as described
by Lee [33], where
F ¼ F*Fp (2)
Full details on this method are given by Erinosho et al. [13,14]. In
this study, a power law constitutive relationship is adopted to relate
the slip rate to the resolved shear stress for an individual slip sys-
tem, as given by
_ga ¼ _ga0
taga
nsgnð _gÞ (3)
where the slip rate, _ga on a slip system, a, is dependent on a
reference strain rate, _ga0, the resolved shear stress, t
a, and the slip
system strength ga. For further details, the reader is referred to
[34,35]. The dislocation hardening law follows McDowell and
McGinty [7], describing the evolution of the slip system strength via
_ga ¼ h0

1þ h0gsum
t0m
m1
_ga (4)
where the accumulated slip, gsum, is calculated from
gsum ¼
XNslip
b¼1
0
@Zt
0
_gdt
1
A (5)
The hardening modulus, h0, and constant, m are material
dependent properties. For each slip system, a, the dislocation
density, r, is given by
ra ¼
Zt
0
_radt (6)
Finally, the relationship between the slip system strength and
the dislocation density follows
ga ¼ g0 þ b
ﬃﬃﬃﬃﬃ
ra
p
(7)
where the initial slip system strength is g0 and b is a constant.
The parameters used in this study are as follows; n ¼ 40;
_g0 ¼ 1 s1; m ¼ 0.245; E ¼ 211 GPa; n ¼ 0.3; t0 ¼ 110 MPa;
h0 ¼ 0.9 GPa. These parameters have been determined from
experimental results of the DX54 ferritic steel material [27]. This
material typically has a yield stress sy of 140e185 MPa and an ul-
timate tensile strength, sUTS 270MPa. The polycrystal model used
comprises 8  8  8 grains with a uniform mesh reﬁnement con-
taining 6  6  6 elements per grain. It is noted that the total 512
grains modelled is a signiﬁcant simpliﬁcation of the number of
grains in the diffraction volume (>20,000 assuming spherical
grains in the probed volume).
Two types of hardening have been investigated; isotropic latent
hardening and self hardening. For isotropic hardening, all slip
systems undergo the same level of hardening, irrespective of them
being active. The resistance to slip is set equal for all slip systems
and will correspond to the maximum resistance currently experi-
enced by any slip system. The term _ga in Equation (4) will exhibit
the maximum slip rate developed by any slip system, _gmax, for all
slip systems. Self hardening allows slip systems to hardening
independently, permitting only slip systems that are active to un-
dergo hardening. Here, _ga in Equation (4) is dependent on the rate
of slip for each slip system, and the total accumulated slip is the
sum of all slip systems.
Planar boundary conditions with surface normals along z were
unconstrained, while displacements were imposed for the bound-
ary with normal along y to match the vertical strain. The ﬁnal
boundary, with normal along x, was left unconstrained for uniaxial
loading, but otherwise had displacements prescribed to match the
other component of the imposed in-plane strain. The
Fig. 4. Non-proportional strain-paths simulated with CPFE with respect to the strain
magnitude in the rolling and transverse directions.
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displacements prescribed were equivalent to the strains measured
via DIC analysis of experimental radiographs in the horizontal and
vertical directions. This approach ensured the model was subjected
to the equivalent deformations as the circular gauge in the cruci-
form specimens.
3.2. Simulating diffraction results
To produce results comparable to the experimental diffraction
measurements, a previously developed framework [26] to generate
diffraction reﬂections from CPFE simulations has been used. From
knowledge of the incident X-ray beam direction and crystal
orientation at each integration point within the simulated poly-
crystal, the associated lattice spacing is calculated if Bragg's law is
satisﬁed within a given tolerance for each of the experimentally
observed reﬂections. For each lattice plane, hkl, the plane normal
vector, rhkl to describe its crystallographic orientation is given by
rhkl ¼ DRcRc0ðhklÞ (8)
where Rc0 is the rotation matrix of the undeformed crystal from the
reference state to the local crystallographic orientation and DRc
transforms the crystal orientation into the deformed state. For
diffraction to occur, Bragg's law must be satisﬁed where the Bragg
angle, qb is satisﬁed through
qb ¼ sin1

l
2dhkl

(9)
where l is the incident wavelength (as calibrated from the syn-
chrotron experiment), and dhkl is the interplanar spacing (deter-
mined from the orthogonal lattice vectors calculated within the
CPFE simulation). Whether each integration point satisﬁes the
Bragg law will depend on the angle, q0, between the lattice vector,
rhkl and its forward projection s0, given by
s0 ¼
2
4 rhklxrhkly
0
3
5 (10)
where rhklx and rhkly are the x and y components (directions shown
in Fig. 3) of rhkl, respectively. The lattice plane will diffract when
qb ¼ q0. Experimentally, this condition is somewhat relaxed by the
intrinsically broadened line proﬁle due to instrumental effects and
artifacts. Speciﬁcally, the broadening arises from a combination of a
ﬁnite incident X-ray bandwidth, angular resolution limits imposed
by the detector pixel size, and any mosaic spread from the sample
due to dislocation substructures present. The Bragg angle, qb, in
reality has a narrow range (approximately 0.02; the full width at
half maximumof a {110} reﬂection) for which diffraction is allowed.
This rangemay bewidened for the simulations, mitigating the issue
of few grains diffracting from the limited number of crystals
modelled. The condition used in the study was qb5<q0<qbþ5.
The selection of this parameter is discussed in Ref. [36]. If satisﬁed,
s0 represents the position of the diffraction spot on a virtual area
detector. The azimuthal angle, j, equivalent to the experimental
deﬁnition is simply
j ¼ tan1
rhkly
rhklx

(11)
This calculation was repeated for each integration point to yield
the simulated Debye-Sherrer diffraction rings. Thus, a subset of the
information calculated from the CPFEmodel is captured in a similar
manner to the experiment. The symmetry of the simulation ne-
cessitates azimuthal range of j ¼ 0 to j ¼ 180 to be calculated.
Subsequently, the diffraction rings were radially integrated into 18
sectors with a 10 angular range. For the most statistically reliable
data, the {310} reﬂection was simulated, as it has the highest
multiplicity of the experimentally observed reﬂections. Lattice
strain for each sector is also calculated in comparison to the ideal
reference, again in the equivalent manner to the experiment using
Equation (1). A formal description of this calculation is given in
Ref. [26].
A texture prior to deformation of the DX54 material was
measured using EBSD, and numerically simulated to seed the CPFE
model with representative crystal orientations. Pole ﬁgures of the
experimentally measured and simulated texture are shown in
Fig. 5. Small differences are observed between the simulated and
measured texture. This is expected from the sampling effect of
8  8  8 (512) simulated grains compared to ~2000 grains
measured with EBSD.
3.3. Predicting failure strains
A strain limit prediction method previously described by Eri-
nosho et al. [14] at the grain scale in CPFE, based on methods
developed by others at the homogenised continuum level, was
used to determine forming limit diagrams [37,38]. Material failure
is obtained from a macroscopic strain limit criterion corresponding
to a threshold level of plastic strain localisationwithin the grains. A
normalised increment of plastic strain, bqtj , for each time step
(t ¼ t1,t2,…,tn) and grain j is calculated for the average plastic strain
within the grain, dqtj , with respect to the change in average
macroscopic plastic strain change, dpt , where
bqtj ¼ dq
t1
j
dpt1
;
dqt2j
dpt2
;…;
dqtnj
dptn
(12)
A failure parameter, T , is introduced that describes the mean
plastic strain for grains with the highest values of bqtj . Values of bqtj
are ranked and the values of the top Nc grains are averaged, such
that
T ¼ 1
Nc
XNc
i¼1
bqti (13)
where Nc ¼ 5 in this study. The parameter T is calibrated from the
known failure strain of a certain strain path. In this study, the failure
of a plane strain specimen at ε1 ¼ 0.45 and ε2 ¼ 0 was simulated.
When this equivalent macroscopic strainwas reached in themodel,
Fig. 5. Experimentally measured and simulated pole ﬁgures of the material texture
prior to deformation.
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the parameter T ¼ 2:5. For other strain-paths, the macroscopic
strain at failure corresponds to this T is met.
4. Results
4.1. Nakajima testing
The results of Nakajima testing are shown in Fig. 6. The ﬁnal
strains (at failure) plotted are the total strains in the ε1 and ε2 di-
rections from a sum of the measured pre-strain plus the true strain
measured with DIC. As a benchmark for ductility, the forming limit
curve under proportional deformation conditions is shown. For
each non-proportional test, the material had undergone a pre-
strain that was either uniaxial loading (U) or biaxial straining (B).
The targeted pre-strain magnitude was set to approximately half of
strain limit under proportional deformation, similar to those
investigated by Nakazima [1] where ductility gains were found. The
effect and sensitivity of a pre-strain magnitude to the ﬁnal ductility
possible remains unknown and may be considered in future
studies. From the pre-strained material, Nakajima testing was
performed to failure with either uniaxial loading (U-a or B-a), plane
strain tension (U-b or B-b), biaxial strain, ε2/ε1z0.25 (U-c or B-c), or
balanced biaxial strain, ε2/ε1z1 (U-d or B-d).
It is shown that certain non-proportional strain-paths reach a
plastic strain far greater than is possible if the strain ratio at the
ﬁnal strain statewas targeted by proportional loading. For example,
consider path U-d, which achieves a plane strain in the major di-
rection of ~0.85 prior to failure. The proportional forming limit
shows that under plane strain conditions, a strain of only ~0.42 is
reached. Conversely, if the loading operation of path U-d is
reversed, such that a biaxial pre-strain is given, followed by uniaxial
deformation (i.e. B-a), the ﬁnal strain state is approximately the
same as achieved by proportional plane-strain deformation. This
provides clear evidence that the sequence of strain-ratio for each
loading step is very important. In other cases, adopting a non-
proportional strain-path can be detrimental to ductility. For
example path B-b reaches ε1z0.38 and ε2z0.2, giving a ﬁnal
strain-ratio of ε2/ε1z0.5. Extrapolating this strain ratio for
proportional loading yields ε1z0.54 and ε2z0.29, which is clearly
signiﬁcantly greater.
4.2. Diffraction testing e macroscopic strains
The strong dependence of the strain-ratio loading sequence
shown in the Nakajima testing results has been investigated further
using in-situ deformation of cruciform samples whilst acquiring X-
ray diffraction data. The measured macroscopic strain, relative to
the original rolling direction (RD) and the transverse direction (TD)
accumulated during each deformation path are shown in Fig. 7. For
each data point, ﬁve radiograph images were acquired and DIC
analysis was performed on each. The data points are the mean
measurement and the error bars give the standard deviation of
these measurements. An alternative analysis was conducted in
which a uniform afﬁne transformation was applied to the radio-
graphs of the deformed sample until an optimised match to the
initial radiograph of the undeformed sample was obtained.
Referring to Fig. 7, a good correlation is seen between the afﬁne
transformation and DIC analysis methods, though the latter mea-
surements tend to return a higher strain magnitude. For consis-
tency with previously published results [20], the afﬁne
transformation results are used from here on. In Fig. 7 (a), nomi-
nally uniaxial loading is ﬁrstly given parallel to TD up to a stroke
displacement of 10 mm corresponding to a true strain of 0.1 (TD)
and0.09 (RD).Whilst uniaxial loadingwas targeted, the specimen
geometry provides a greater contraction parallel to RD than would
be measured in a truly uniaxial test (with Poisson's ratio of 0.5
expected). Upon changing the tensile axis (the sample is rotated by
90), now parallel to RD, the direction of strain accumulation re-
verses. This can be seen more clearly by plotting εTD versus εRD, as
shown in Fig. 7 (d). Deforming until the stroke displacement rea-
ches 27 mm, passes the condition where the macroscopic strains in
RD and TD returns to approximately zero. The ﬁnal deformation
yields a true strain of 0.07 (RD) and 0.02 (TD) at the end of the test.
Strain-Path 2 in Fig. 7 (b) follows a biaxial strain up to 25 mm
stroke displacement; reaching strains of 0.09 (RD) and 0.04 (TD)
before the strain-path change; giving a strain ratio εRD/εTDz1.8.
Whilst balanced biaxial deformation was targeted, greater
compliance in the biaxial loading mechanism parallel to TD results
in this difference. Following the strain-path change to uniaxial
loading with tensile axis parallel to TD, the gradient of true strain
RD versus true strain TD is close to that of Strain-Path 1. When the
test is stopped, the ﬁnal true strain reaches 0.04 (RD) and 0.27
(TD), with an overall strain-path plotted in Fig. 7 (d). Strain-Path 3
investigates the effect of switching the strain-ratio loading
sequence, so ﬁrstly deforming under a uniaxial load before
deforming biaxially. The material is initially deformed up to 10 mm
stroke displacement parallel to TD, as shown in Fig. 7 (c), equivalent
to the initial deformation studied in Strain-Path 1. However, beyond
10 mm stroke displacement when deforming the material in a
targeted biaxial manner, further plastic deformation is limited. The
stroke displacement increases, providing an increase in the applied
force to the sample, though the measured change in εTD and εRD is
only ~0.01. The reason is due to greater plasticity occurring in the
arms of the specimen compared to the gauge volume, with the
cruciform design limiting the maximum macroscopic strain that
could be achieved. The limited change in plastic strain beyond the
strain-path change can be easily seen in Fig. 7 (d).
4.3. Diffraction testing e lattice strain and intensity evolution
For a qualitative comparison of the lattice strains and integrated
peak intensity evolution for each non-proportional strain-path,
maps of these data have been plotted as a function of azimuthal
Fig. 6. Forming limit diagram showing the strain to failure for various non-
proportional strain-paths in comparison to conventional proportional deformation.
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angle, j, and stroke displacement in Fig. 8. These are presented for
the {110}, {200}, {211} and {222} reﬂections. Note that {310} results
are shown later when compared with modelled results (Fig. 11). To
assist interpretation of these data, line proﬁles of the {200} lattice
strain versus azimuthal angle are plotted at stroke displacement
increments for each strain-path in Fig. 9. For each strain-path, the
lattice strain distribution with azimuthal angle and texture devel-
opment during the ﬁrst strain-ratio replicates the targeted uniaxial
and biaxial deformation trends presented in an earlier study of
proportional deformation [20]. The key observations were that the
magnitude of lattice strain accumulates most rapidly in the direc-
tion of the tensile axis with the highest load, irrespective of the
reﬂection studied. This is most clearly evident in the ﬁrst loading
step for Strain-Paths 1 and 3 where loading is uniaxial. This is also
evident during lower plastic strains when the ﬁrst strain-ratio is
biaxial, as shown in Strain-Path 2 when the stroke displacement is
less than ~10 mm. This is because of the departure from the tar-
geted balanced biaxial strains, shown in Fig. 7 (b). Evidence of this is
also clear in Fig. 9 (b), where the lattice strain distribution is quite
similar to the uniaxial deformation lattice strain distribution in
Fig. 9 (a). At higher plastic strains, the lattice strain distributes
approximately isotropically with respect to azimuthal angle, for
example at ~20 mm in Fig. 8(iel).
Whether the ﬁrst loading step is uniaxial or biaxial, evidence of
a texture change is also clear from plots of integrated intensity;
each labelled with Ifhklg in Fig. 8. The initial intensity symmetry
characteristic of the prior rolling of the as-received material is
shown to change for all strain-paths. The {110} reﬂections during
uniaxial loading, for example, initially has a 2-fold intensity sym-
metry which begins to disappear at ~3 mm to produce a 6-fold
symmetry at ~7 mm. This corresponds to a true strain range of
0.028e0.066 by interpolation of the macroscopic strains (Fig. 7). A
similar distinct intensity change can be seen for the other re-
ﬂections shown in Fig. 8 during uniaxial loading as the ﬁrst
deformation step. The intensity changes during biaxial deformation
as the ﬁrst loading step are comparatively subtle, though evidence
can be seen for the {222} reﬂection; where the magnitude of the
intensity features at j ¼ 0 and j ¼ 180 reduces with stroke
displacement, as shown in Fig. 8 (p).
Upon changing the strain-path, as indicated by the dashed lines
in Fig. 8, the lattice strain and intensity distributions that develop
differ signiﬁcantly from those produced by proportional loading
with the equivalent strain ratio. Considering ﬁrstly Strain-Path 1
beyond 10 mm stroke displacement, the lattice strain accumulates
in a similar manner as the prior uniaxial deformation, though with
the highest magnitude now parallel to the new tensile axis (parallel
to RD). Evidence of residual elastic strain present from the prior
deformation is visible at j ¼ 90 and j ¼ 270 for the {200} lattice
strain measurement; Fig. 8 (b). However, the subsequent accumu-
lation in lattice strain appears unaffected by the prior deformation,
i.e. the largest magnitude of lattice strain remains parallel to the
tensile axis and compressive perpendicular. Following the strain-
path change, the intensity and distribution of each reﬂection, as
shown in Fig. 8(eeh), remains unchanged until ~18 mm stroke
displacement. Between the nominal strain-path change and this
point, the stroke has been taking up slack in the rig, as shown in the
limited increase of macroscopic strain in Fig. 7 (a). The resulting
symmetry and intensity subsequently returns to a distribution
resembling the initial condition.
From the second load step in Strain-Path 2, the lattice strain
accumulates most rapidly in the direction of the tensile axis, TD. For
the ﬁrst few mm of stroke displacement, lattice strain is not accu-
mulated. This is again slack in the rig, accumulating little load in the
sample, as shown in Fig. 7 (b). From this, the maximum lattice
strain is not reached until an additional ~4mm stroke displacement
has passed beyond the strain path change as shown in Fig. 8(iel).
The observed intensity changes during nominally uniaxial loading
in Strain-Path 2 are similar to the pre-strain in Strain-Path 1. The
resulting intensity distribution/symmetry, for all reﬂections stud-
ied, is characteristic of each test that includes uniaxial loading. A
signiﬁcant intensity change does not occur over a wide stroke
displacement range, instead developing over a narrow increment in
stroke displacement when the macroscopic strain changes rapidly
(~30 mm stroke displacement in Fig. 7 (b)).
Referring to Fig. 8(qet), the change of strain-ratio in Strain-Path
3 to biaxial deformation after prior nominally uniaxial loading
provides a quite different lattice strain distribution compared to
those measured when biaxial deformation was the ﬁrst loading
step, i.e. in Strain-Path 2. It is, however, noted that the macroscopic
strain increase from biaxial deformation in Strain-Path 3 during
this loading is small at ~1%. In the example of a biaxial pre-strain,
Fig. 8(iel), the lattice strain is accommodated quite isotropically
with respect to azimuthal angle, whereas after the uniaxial pre-
load, the lattice strain is accumulates to a greater magnitude at
azimuthal angles, j, close to 0, 180 & 360 (Fig. 8(qet)). This is
parallel to RD and perpendicular to the loading direction of the pre-
strain. At azimuthal angles close to the direction of the pre-strain,
TD, at j ¼ 90 and j ¼ 270, the lattice strain accumulates at a
comparably lower magnitude. This trend is observed for all re-
ﬂections studied. The evolution of lattice strain distribution is also
shown in Fig. 9 (f). The intensity change throughout the deforma-
tion for each reﬂection is shown in Fig. 8(uex). A change is
observed in the uniaxial pre-strain, equivalent to Strain-Path 1,
however, with the switch in strain-path, the intensity distribution
Fig. 7. Measured macrostrain from X-ray radiographs of the experimental non-proportional strain-paths (aec), and these plotted together with respect to strain in the rolling and
transverse directions (d).
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with azimuthal angle is retained for the remainder of the test. This
indicates that no new texture ﬁbre develops throughout this small
(~1%) additional plastic strain. After the test was complete, it was
evident that the sample had deformed signiﬁcantly in the cruci-
form arms, with only limited plastic deformation at the sample
centre. In this case, the cruciform design limited the maximum
plastic strain achievable at the centre of the specimen during this
strain path.
Lattice strains have been plotted for sectors corresponding to
the two tensile axis of the biaxial loading mechanism, shown in
Fig. 10. Information is obtained from sectors close to j ¼ 0 and
j ¼ 90, shown schematically in (a), corresponding to TD and RD,
or, RD and TD (depending on sheet orientation relative to the de-
tector) in the plane of the specimen. Lattice strains are plotted with
respect to the macroscopic strain (interpolated from the X-ray
radiographymeasurements) in the transverse direction. The arrows
denote the progression of lattice strain with time. Strain-Path 1 in
Fig. 10 (b) and (c) show that the magnitudes of lattice strains in the
tensile direction, TD for pass 1 and RD for pass 2 are quite different.
An initially high work hardening rate is clear in pass 1, particularly
when εTD < 0.06, whereas the lattice strains in pass 2 do not in-
crease signiﬁcantly with plastic strain beyond the initial elastic
Fig. 8. Lattice strain and integrated reﬂection intensity of the {110}, {200}, {211} and {222} lattice planes for the experimentally measured non-proportional loading paths.
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reloading. Normal to the applied stress (RD pass 1, TD pass 2), the
lattice strains are quite uniform (except {200}) with deformation in
pass 1, whilst apparent softening is observed in pass 2, which is
most pronounced in the {200}.
After the strain-path change in Strain-Path 2, the uniaxial
loading in the tensile direction (TD) shows limited work hardening
for each reﬂection shown. In the perpendicular direction (RD),
some softening is observed. The softening in this strain-path (after
biaxial deformation), is not as signiﬁcant as Strain-Path 1, which
instead had a uniaxial pre-strain. For both Strain-Paths 1 and 2 it is
notable that the transverse strains show more dispersion between
grain families after the strain-path change than before it.
Beyond the path change in Strain-Path 3, the limited plastic
deformation makes interpretation of trends difﬁcult. However,
parallel to RD during biaxial deformation, the lattice strains for all
reﬂections are higher than those measured during a biaxial pre-
strain (Strain-Path 2). Furthermore, the differences in the magni-
tude of lattice strain between each reﬂection are shown to be quite
similar, whereas differences between each lattice plane during a
biaxial pre-strain vary depending on the single crystal plane spe-
ciﬁc stiffnesses [39].
4.4. Calculated lattice strains from CPFE models
Simulations have been performed that predict the {310} lattice
strain evolution for the strain-paths A-F (Fig. 4) for azimuthal an-
gles 0j  180. Results are shown for self and isotropic hard-
ening. Simulations have been made with the major tensile axis
identical to the experiment (T1), and with the major tensile axis
perpendicular (T2). The latter simulations are simply a repeat of T1
paths, with the deformed sheet rotated by 90 to investigate the
effect of initial texture. Results from the modelled lattice strain-
maps were calculated at linear displacement increments which
have been scaled to be equal to the experimental stroke displace-
ment. A direct comparison between the modelled (T1 paths) and
experimental measurements are shown in Fig. 11(aef) as a function
of macroscopic strain at j ¼ 0 and j ¼ 90. Results are shown for
self hardening (a-c) and isotropic hardening (d-f).
In general, there is good agreement between the modelled and
experimentally measured lattice strain maps. The colour scales
illustrate that the magnitudes of lattice strain simulated from the
self hardening model are in better agreement than the isotropic
case. For the latter, the lattice strain magnitudes are far higher than
Fig. 9. Evolution of measured {200} lattice strain distributions for different non-proportional strain paths.
Fig. 10. Lattice strains parallel to two deformation axes (j ¼ 0 and j ¼ 90) as a function of macroscopic strain in the transverse direction for each non-proportional strain-path
investigated.
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those measured; over predicting the measured rate of hardening.
The modelled results from Strain-Path 1 (T1-A) provide similar
tensile to compressive lattice strain distributions with j during the
pre-strain and second deformation step, although the lattice strain
magnitudes are predicted to be higher than the experimentally
measured values, as seen in Fig. 11 (a) & (d), for example. Changing
the sheet orientation to T2-D predicts lower absolute values of
lattice strain compared to T1-A, indicating that the lattice strain
distributions measured must be strongly related to any initial
texture. The implication is that the rate of hardening is lower when
the sheet is the T2 orientation.
The biased accumulation of {310} lattice strain parallel to RD
during initial straining of biaxial deformation in Strain-Path 2 is not
replicated by the model. Instead, a uniform distribution of lattice
strain with respect to j is produced, irrespective of sheet orienta-
tion (T1 or T2). Following the strain path change, tensile lattice
strains are measured and simulated parallel to the new tensile axis
and compressive perpendicular. The model has subjected the ma-
terial to a ﬁxed stain-ratio during the pre-strain. However, the
strain ratio is unlikely to be constant during the experiment,
instead favouring strain accumulation parallel to RD initially as
slack is taken up in the rig perpendicular to this direction. Irre-
spective of this factor, lattice strains simulated with the self hard-
ening model provides good agreement to the experimental results,
shown in Fig. 11 (b).
The initial strain-ratio in Strain-Path 3 replicates Strain-Path 1.
Experimentally changing the strain-ratio to biaxial deformation
yields initially larger lattice strains parallel to RD compared to TD.
The model predicts the lattice strain distribution remains largely
unchanged with increasing stroke displacement, seen in Fig. 11 T1-
C, retaining greater levels of lattice strain parallel to RD compared
to TD, a feature not measured experimentally. Beyond 15 mm
stroke displacement, the experimentally measured lattice strain
with j becomes quite uniform. The differences observed are likely
an artifact of the very small macroscopic strain that had accumu-
lated during the second loading step, as shown in Fig. 11 (c). An
error in measuring and particularly underestimating the macro-
scopic strain, that is subsequentlymodelledwill undoubtedly result
in differences in the modelled lattice strain distributions. Whilst
this difference is evident, the lattice strain distribution from stroke
displacement 10 mm to 15 mm immediately after the strain-path
change have been well replicated, demonstrating that the CPFE
simulation has successfully predicted an inﬂuence of previous
straining. The simulations also predict that rotating the sheet (T1-F)
provides lower absolute values of {310} lattice strain during biaxial
straining (after a uniaxial pre-strain), sufﬁcient to become
compressive in RD, parallel to the tensile axis of the uniaxial pre-
strain.
4.5. Development of texture and dislocations
Measurements of reﬂection intensity can be compared to the
textures simulated by CPFEM simulations. For the {200} and {110}
reﬂections, equivalent information was generated by extracting
intensities at the perimeter of {100} and {110} pole ﬁgures calcu-
lated from modelled results. The pole ﬁgures used orientations
calculated from the elastic deformation gradient extracted from
each element in the model. Comparisons of normalised intensities
are made in Fig. 12 at the end of the pre-strain and after the ﬁnal
deformation state for each of the three experimental strain-paths,
with results simulated from self and isotropic hardening models.
The experimental trends have some agreement with the modelled
Fig. 11. Simulated {310} lattice strain maps obtained from CPFE simulations for various non-proportional strain-paths using self and isotropic hardening.
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results, more so for the intensities at the end of the pre-strains,
(labelled Path 1 end). In each example, the change in modelled
intensity between the end of Path 1 and the end of Path 2 appears
to be under-predicted compared to the experiment. The under-
prediction is largely an artifact from averaging orientation data
from a limited number of grains, making this an expected result.
The results predicted from each hardening model are similar,
indicating that the different hardening rules predicted approxi-
mately the same texture change. Some success is seen when
comparing points of maxima/minima in the experimental intensity
and modelled pole ﬁgure intensity versus azimuthal angle. For
example in the biaxial þ uniaxial strain-path maxima in the {110}
experimental/{110} modelled intensity, the maxima at
j ¼ 0,180&360 are correctly replicated at ‘Path 1 end’. Then at
‘Path 2 end’, the experimental maxima at approximately 30, 80,
150, 210, 280, 330 matches the positions of the simulated in-
tensity maxima.
Of the two hardening rules investigated using CPFEM, the self-
hardening model used for lattice strain prediction had the best ﬁ-
delity with the experimental results. Results from the self hard-
ening model are considered in more detail to gain insight. Fig. 13
provides further CPFEM results obtained from the
biaxialþ nominally uniaxial strain path. Full pole ﬁgures during the
(a) texture development, (b) the development of dislocation
structures observed normal to a cross-section of the model, and (c)
the distribution of stresses (given as Von Mises stress), again
observed normal to the cross-section. Note that the plotted dislo-
cation parameter, r is a constant obtained from the slip system
strength, as given in Equations (6) and (7). Values of r that are
output from the CPFE model are proportional to the dislocation
density. Results are shown for the sheet in the experimental
orientation (T1), and rotated by 90 (T2) tomonitor the inﬂuence of
the starting texture.
Both T1 and T2 textures show an increasingly diffuse intensity
distribution as the deformation progresses (from start, end of
biaxial pre-strain, then after the nominally uniaxial path). As the
starting 110 texture ﬁbre is lost, the intensity reduces as expected,
instead showing localised regions of high intensity in the approx-
imate locations labelled A. Of these four locations, all intensities
except the bottom left have decreased compared to the starting
pole ﬁgure. At the ﬁnal deformation state after the nominally
uniaxial strain-path, high intensity is seen close to locations
labelled B in the T1 path, though is not so strong for the T2 texture.
Snapshots of the spatial distribution of dislocations densities are
shown in Fig. 13 (b), where subtle differences between texture T1
and T2 can be seen, both after the biaxial pre-strain, after the
nominally uniaxial path, and in the dislocation density difference
shown in column 3 of Fig. 13 (b). This can be seen both in the maps
showing 8  8 grains across the model and in the maps of
magniﬁed single grains. Equivalently the stress distributions in
Fig. 13 (c) are quite different between the end of each deformation
step, and between textures T1 and T2. The plots indicate both the
inhomogeneous nature of the stress distributions across andwithin
the grains. The distributions change signiﬁcantly when the strain
path is changed, and are evidently different for T1 and T2 textures.
4.6. Prediction of the ductility
Failure strain predictions from the crystal plasticity simulations
using self-hardening are shown in Fig. 14. Three strain-paths were
modelled; (1) a calibration strain-path for plane strain deformation,
(2) uniaxial loading pre-strain, U (magnitude equal to
experiment)þ biaxial (along path U-d), and (3) biaxial pre-strain, B
(again magnitude equal to experiment)þ uniaxial (along path B-a).
The simulated biaxialþnominally uniaxial strain-path failure strain
is within the experimental error bars at an equivalent plastic strain
εeq ¼ 0.53, though the nominally uniaxial þ biaxial path under
predicts the total strain (εeq ¼ 0.59 compared to experiment
εeq ¼ 0.72). However, the model does correctly predict this strain-
path has the greatest strain to failure of the 3 simulated paths,
replicating the result observed experimentally and capturing the
large ductility beneﬁt generated by this non-proportional defor-
mation path.
5. Discussion
Nakajima testing is a standard method of determining the
forming limit of a metallic material, where factors such as property
anisotropy are not accounted for. Typically, sheet orientation is not
considered, giving a random orientation of the tensile axis with
respect to any prior rolling direction. The non-proportional forming
limit data shown in Fig. 6 shows a uniaxial pre-strain followed by
further uniaxial deformation (strain-path U-a) reaching a ﬁnal
plastic strain beyond the proportional forming limit. This was an
unexpected result. If the testing conditions are the same, the failure
of U-a should lie on the proportional forming limit curve. Sheet
orientation is one variable which could give such a difference,
where it is likely that the sheet orientation during this test has not
been equivalent to the orientation of the sheet during proportional
testing. Nakajima testing is also sensitive to strain-rate [40]. The
pre-strain sheet and waisted specimens during subsequent
Fig. 12. Normalised experimental {110} and {200} reﬂection intensities compared with
the normalised intensities calculated from CPFEM results for equivalent orientations to
generate (100) and (110) pole ﬁgures.
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deformation have very different geometries, making it nearly
impossible to have a constant strain-rate at each stage of defor-
mation, thus affecting the ﬁnal strain at failure. Strain-path U-a also
deviates from perfect uniaxial loading, again due to differences
between pre-strain and Nakajima testing geometries. This may
further contribute to the gain in ductility. Finally macroscopic
strains measured via DIC were obtained from an average area at the
centre of the sample measuring approximately 2  2 mm2. This
method could overestimate the ﬁnal strain by unknowingly incor-
porating a region that has partly necked or thinned, thus giving an
overestimate of the ﬁnal strain. Each strain-path was tested three
times, with the data point given as the mean plastic strain and the
error bars denote the scatter in the major and minor strain di-
rections. The size of error varies from point to point, with strain-
path B-a noticeably larger than others. Again, differences in sheet
orientation relative to the prior rolling direction is the likely cause.
For in-situ lattice strain measurements, the macroscopic strains
were smaller than the pre-strains given in the Nakajima tests. This
was to mitigate the risk of not obtaining suitable data in the limited
experimental time available at a synchrotron facility. Also, whilst
these large strains can be measured in a Nakajima test, they are not
achievable with the design of cruciform used. The design used
enables the experiment to be performed, but has not been fully
optimised. Each cruciform specimen was machined to the ﬁnal
geometry, giving a layer of cold work on the surface. Thus, it was
likely that the ductility of the sample was reduced. Annealing the
specimens would alleviate this problem, however, a grain size in-
crease could not be tolerated (assuming a mean grain diameter of
20mm, approximately 2  105 grains are in the diffracting volume,
from which only a small fraction contribute to the diffraction
signal). It is assumed that the data presented was representative of
the bulk response, which would be less convincing if the number of
grains through the thickness were reduced (giving rise to a
different macroscopic behaviour which is more likely to be domi-
nated by a single favorably orientated grain), in conjunction with a
decay in diffraction pattern quality with a reduction in the number
of grains that obey the Bragg condition within the diffracting
volume.
A number of clear differences were identiﬁed from the X-ray
diffraction results between non-proportional loading and propor-
tional monotonic loading. The ﬁrst is the distribution of lattice
strains. Both the lattice strain distributions during biaxial and
uniaxial deformation with a pre-strain (Fig. 8(iel) & (q-t), respec-
tively, after the strain-path change) are different to the lattice strain
distributions from the same strain-ratio, but without a pre-strain
(Fig. 8(qet) & (i-l), respectively, before the strain-path change).
Modelling the same strain-path twice but with the sheet rotated
90 for one simulation gives different magnitudes of lattice strain
Fig. 13. Development of dislocation structures and stress ﬁelds through a plane section through the modelled polycrystal. Results are shown for the biaxial þ uniaxial strain-path
modelled with self hardening.
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with respect to j, indicating texture does inﬂuence the distribution
of lattice strains. The modelled strain-paths T1-A and T1-D (Fig. 11),
for example, had the sequence of strain switched, i.e. with uniaxial
(RD) followed by uniaxial (TD) versus uniaxial (TD) followed by
uniaxial (RD). Here, the magnitude of lattice strains and their dis-
tributions are different, reiterating that the sheet orientation, and
hence texture, will affect the absolute lattice strains measured.
In the speciﬁc example of biaxial deformation after a uniaxial
pre-strain in Strain-Path 3, the lattice strain distribution does not
become isotropic (Fig. 8(qet)), compared to a biaxial deformation
pre-strain (Fig. 8(iel)). Though the stroke displacement during
Strain-Path 3 increases signiﬁcantly, the macroscopic strain in the
centre of the sample is limited to just 1%. To see how signiﬁcantly
the pre-strain may be affecting the lattice strain distributions, lat-
tice strains as a function of rotation from the transverse direction
are compared between the biaxial pre-strain at εRD ¼ 1% and
εRD ¼ 1% after the path change in Strain-Path 3. This is shown for
reﬂections {110}, {200}, {211} and {222} in Fig. 15. Differences are
most evident for the ε110 and ε222 lattice strain distributions. Dif-
fracting grain families with similar orientations but with higher
lattice strain magnitudes have undergone more work hardening.
This has been inﬂuenced by the history of the material including
prior deformation and texture. This is evident at ~90 from TD
where ε110 after the strain path change is higher than the pre-strain.
This effect is not observed for all lattice planes; it is absent in the
ε200 distribution, for example.
It has been reported that if the material is subjected to signiﬁ-
cant strain-path changes, which results in pre-strain dislocation
microstructures being lost, a stagnation in work hardening may
result [41]. Plotting lattice strains with macroscopic strain provided
an indication of the work hardening behaviour (Fig. 10). In the
strain-paths studied, there was evidence that the rate of work
hardening was different in a pre-strain compared to deformation
after the strain path had been changed. The most pronounced
difference was observed in Strain-Path 1: uniaxial loading (RD)
deformation after a uniaxial loading (TD) pre-strain, Fig.10 (a)& (c).
Work hardening appears limited in the new tensile axis (RD).
However, a decreasing rate of work hardening with increased
macroscopic change would be observed through proportional
loading without a strain-path change. Hence, this is not an unex-
pected observation. Changes in lattice strain distribution are,
however, evident from a change in strain-path, indicating work
hardening rates have been affected. This observation, though sub-
tle, could indicate that an altered dislocation microstructure, for
example, is developing and affecting work-hardening rates, and
thus generates changes in observed lattice strain distributions.
Factors such as this may be key to the ductility gain observed by
certain strain paths.
The second observation is the evolution of texture itself. The
reﬂection intensities reported in Fig. 8 provide indications of the
speciﬁc texture changes during deformation. Using the well known
textures for a BCC material, a 〈110〉 ﬁbre develops during uniaxial
deformation and mixed 〈100〉 and 〈111〉 ﬁbres develop during
uniaxial compression [42]. For the latter case, this ﬁbre texture is
also observed during biaxial deformation [20]. The ﬁbre textures
that develop after a pre-strainwere not shown to be any different to
those that develop without a pre-strain. In all cases, the observed
ﬁbre textures were exactly as expected for either uniaxial or biaxial
deformation. Therewas also no evidence that the pre-strain texture
was retained for any signiﬁcant period of plastic strain once the
strain-path was changed. Texture changes due to a strain-path
change have been reported to directly affect the macroscopic
stress-strain response [43]. This observation has not been repeated
by this study. With few strain-paths studied experimentally, the
strength of the texture itself and the inﬂuence upon lattice strain
distributions cannot yet be measured. However, the evolution of
modelled texture for a biaxialþuniaxial strain-path presented as
pole ﬁgures in Fig. 13 showed that the strength of texture does
decay, i.e. the orientation spreadwithin thematerial becomesmore
Fig. 14. Modelled failure strain predictions using a self hardening law for selected
strain-paths.
Fig. 15. Comparison of lattice strain distributions for 1% macroscopic strain (RD)
during a biaxial pre-strain and 1% macroscopic strain (RD) for biaxial deformation after
a uniaxial pre-strain.
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isotropic after a change in strain-path. The result would undoubt-
edly inﬂuence the accumulation and distribution of dislocations as
the material is deformed further.
CPFE modelling in this study indicates that the magnitudes of
lattice strains that develop are dependent on two key criteria. (1)
The orientation of the tensile axes relative to pre-existing ﬁbre
textures; inﬂuencing both the pre-strain and further deformation
following a strain path change. (2) The strain ratio of the pre-strain
will affect the distributions of lattice strains developing during any
further deformation. The simulations demonstrate the important
need for further investigations to study the sensitivity of a strain-
path to the orientation of the sheet. The simulation results pro-
vide qualitative indications of differences which may be expected
from different strain-paths, and success is seen for the prediction of
{310} lattice strains. Some differences are, however, expected from
the simulated diffraction data generated from relatively few grains
(512) compared to the experiment (>2 105 in diffracting volume),
necessitating the averaging of grains over a wider orientation range
than experimentally acquired [26]. Evidence from lattice strain
measurements of different work hardening rates between pre-
strain deformation and deformation following a strain path
change suggests that pre-existing dislocations structures are likely
to inﬂuence subsequent deformation, which may not be accounted
for by the hardening rules used in this study.
Rauch and Schmitt [44] postulated that during deformation
after a path-change, new dislocation structures form, such as
microbands or cell wall boundaries. These must interact, dissect
and eventually replace any pre-excisting structure. Whilst details of
the dislocation structures have not been measured in this study,
this is certainly of interest in future work to inform constitutive
laws that capture hardening more precisely. Modelled maps of
dislocation density distributions shown in Fig. 13 demonstrate that
subjecting the material to the same biaxialþuniaxial deformation,
but with the steel sheet rotated, gives different structures accu-
mulating between a pre-strain and after a strain-path change. The
organisation of dislocations is likely a key governingmechanism for
the differences in work hardening rates between a pre-strain and
deformation following a strain-path change.
The CPFE modelling results demonstrated that a self-hardening
model provides good ﬁdelity between experimentally measured
and predicted lattice strains. The work hardening rates were well
replicated, whereas isotropic latent hardening overestimated this,
predicting lattice strains far higher than those measured experi-
mentally. The failure of isotropic hardening and success of self-
hardening indicates that the hardening of each slip system is in-
dependent. This method captures the history of each slip system,
enabling them to harden at rates governed by their independent
resistance to slip. A change in strain-path results inevitably in a
change to themicroscopic stress state, and thus affecting which slip
systems are active. Forcing slip systems to harden at the same rate
underestimates the total accumulated slip, increasing microscopic
stress and hence the calculated lattice strains. It was observed that
the lattice strain distributions provided a better discriminator of
the material constitutive laws than the texture development.
Themotivation for in-situ observations during non-proportional
deformation was to give insight into strain-paths that display a
ductility gain when measured with Nakajima testing, particularly
for uniaxial deformation followed by biaxial straining. CPFE simu-
lations that incorporated a self hardening rule were used to predict
the failure strain of selected Nakajima tests where ductility gains
were observed. The model successfully identiﬁed a ductility gain
for non-proportional strain-paths and moreover correctly pre-
dicted that uniaxial þ balanced biaxial deformation has a greater
strain to failure than balanced biaxial þ uniaxial. The failure crite-
rion is based on the localisation of strain, indicating that the
uniaxial þ biaxial strain-path homogeneously distributes plasticity
for a larger macroscopic strain than the other strain paths studied.
6. Summary
1. A novel high energy X-ray diffraction experiment has shown, for
the ﬁrst time, the micromechanical response of metallic cruci-
form specimens, in-situ, during non-proportional deformation.
2. A signiﬁcant ductility gain is observed via Nakajima testing
when subjecting a low carbon ferritic steel to a non-
proportional strain-path. Whilst a uniaxial pre-strain followed
by biaxial deformation provides a signiﬁcant strain to failure
gain compared to plane-strain proportional deformation, a
biaxial pre-strain provides no such ductility gain, or in the worst
case, can be detrimental to ductility.
3. The accumulation of lattice strain with respect to azimuthal
angle is shown to be sensitive to the applied strain-ratio.
Moreover, this lattice strain distribution for certain lattice
planes is inﬂuenced by the strain-ratio of the pre-strain. A lower
work hardening rate after the pre-strain in the direction of the
largest tensile axis was observed, however, this is not unique to
a non-proportional deformation, as work hardening rates would
tend to reduce with increasing macroscopic strain for propor-
tional loading.
4. Observation of the intensity change throughout deformation
indicates that new texture ﬁbers develop when a strain-path is
changed. The texture ﬁbres that develop were not shown to be
inﬂuenced strongly by the pre-strain.
5. Simulation of Debye-Scherrer diffraction patterns has been
performed from CPFE modelling of various non-proportional
strain paths, providing lattice strains throughout the deforma-
tion. Two constitutive laws were considered namely; self and
isotropic latent hardening, the former was found to better
replicate the lattice strain variations measured experimentally.
6. CPFE models that incorporated self-hardening were used to
simulated the failure strain of selected non-proportional strain
paths identiﬁed from Nakajima testing. The models were suc-
cessful in replicating the non-proportional ductility gain and
correctly identiﬁed a path with a uniaxial pre-strain has the
highest strain to failure.
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